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Interactions between precipitates and dislocations were investigated using atomistic computer sim-
ulations. In particular, the effect of Cu precipitates on the core structures, slipping behavior, and
Critical Resolved Shear Stress (CRSS) of an edge dislocation in a b.c.c. Fe single crystal was con-
sidered. Three-dimensional (3D) molecular statics were performed on a a¢/2(110) [111] edge dislo-
cation passing through spherical Cu precipitates under shear deformations. The atomic stresses on
the dislocation slip plane are calculated for different deformation stages. The characteristics of
stress distributions and dislocation core structures are analyzed. The Peierls stress of a pure edge
dislocation and the CRSS in the presence of Cu precipitates are determined. Finally, the mechan-
isms of the dislocation passing through Cu precipitates were analyzed by examining the evolution
of atomic configurations.

1. Introduction

The effect of fine Cu precipitates on the core structures and slipping behaviors of dis-
locations is of importance to the understanding of irradiation embrittlement of pressure
vessels. Experimental investigations [1, 2] suggested that coherent b.c.c. Cu precipitates
nucleate and grow in the Cu-supersaturated matrix under electronic irradiation or dur-
ing thermal aging. During growth, Cu precipitates undergo complex structural transfor-
mations: coherent b.c.c. 9R— 3R — f.c.c. Similar structural transformations in Cu preci-
pitate can be induced by an applied stress or in a dislocation stress field [3, 4]. These
transformations are accompanied by volume and shape changes of Cu precipitates. The
coherent lattice accommodation between the Cu precipitates and the Fe matrix leads to
an internal stress field around Cu precipitates. In the presence of dislocations, the co-
herency stress field produced by the precipitates interacts with those of dislocations.
Therefore, the presence of coherent precipitates affects the core structures and slipping
behaviors of dislocations, and hence, the material mechanical properties. Indeed, experi-
mental evidences suggested that there is a strong correlation between the strength
change of these materials and the presence of fine b.c.c. Cu precipitates (2 to 4 nm).
Precipitate-hardening mechanisms of alloys have been extensively investigated for
decades by both experimental and theoretical methods (see, for example, references [5,
6], for reviews). To determine quantitatively the contribution of precipitates and parti-
cles to the material embrittlement, a number of hardening mechanisms have been pro-
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posed, such as modulus mismatch hardening, coherency strain hardening, chemical
hardening, and so on. These mechanisms have been used to explain the strength of
some related alloys [6]. However, it should be emphasized that confirmation of various
hardening mechanisms and validation of theoretical models are quite difficult, since
ideal alloys systems, which most of the theoretical models assumed, are rarely available
in practical applications, and in many cases more than one hardening mechanisms are
operative [6]. For example, currently there is no physically based theoretical model
available to explain the Cu precipitate-hardening in Fe.

It is well known, plastic properties of a material rely on the core structures and mobility
of dislocations. Atomistic simulation methods such as molecular dynamics and lattice
statics have been successfully employed to study the dislocation core structures [7 to
13]. However, as far as the authors are aware of, there have been no atomistic simula-
tion studies on the effect of precipitate particles on the dislocation core structures, the
atomic mechanisms of a dislocation passing through a precipitate, and on the CRSS. It
should be pointed out that one of the main advantages of atomistic techniques is the
fact that it automatically includes the modulus mismatch between precipitate and ma-
trix, coherency strain, and interfacial energy between precipitate and matrix. Therefore,
it is an obvious choice of theoretical methods for studying the CRSS of precipitate
strengthening in metals and alloys with small-size precipitates, such as the case of Cu
precipitates in Fe single crystal, so that current generation of computers will be able to
handle the memory and computation requirement. In this paper, we apply the molecu-
lar static relaxation method to study Cu precipitate strengthening with embedded atom
potentials. The interaction between spherical Cu precipitates and an ay/2(110) [111]
edge dislocation in a b.c.c. Fe single crystal is considered. The effect of precipitates on
the structure of a dislocation core is analyzed. The behavior of a dislocation passing
through the precipitate under an applied shear stress is simulated. By comparing with
the slipping of a pure dislocation, the contribution of precipitates to CRSS is discussed.

2. Computational Procedure

The atomic model employed in the present work is shown in Fig. 1. It includes an
approximately spherical b.c.c. Cu precipitate with a diameter Dy and a straight ao/2(110)
[111] edge dislocation in a b.c.c. Fe matrix. The x, y and z coordinate axes are lying
along crystal directions [111], [110] and [112], respectively. Periodic boundary condi-
tions are applied in the x and z directions. Therefore, the dislocation has an infinite
length along the z direction, and the Cu precipitates are periodically distributed. Along
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y direction, the model is divided into two regions, i.e., an active region and a boundary
region. The central part of the model is the active region in which atoms are specifi-
cally relaxed to the equilibrium positions according to the interatomic potentials using a
static relaxation method. The size of the active region is indicated by L, L, and L3 in
Fig. 1. L1 =40 ag to 48 ap and L, =26 ap and L3 = 30 ap are chosen in the present work,
where ayp=2.876 A is the lattice constant of a b.c.c. Fe single crystal. The upper and
lower blocks in the model are called boundary regions. The atoms in the boundary
regions possess two functions: 1. they can be used to specify a deformation with a given
displacement boundary condition; and 2. they act as neighbor atoms to the active atoms
for calculating the interatomic forces. During a simulation, all the atoms in the bound-
ary regions are assigned a common displacement prescribed by a corresponding defor-
mation process, while maintaining the atomic configuration of a perfect crystal. For
example, in the present work, a pure shear deformation process is performed by displa-
cing the atoms in the upper block with a magnitude Au, while fixing the atoms in the
lower block. The total number of atoms in the model is about 80000 with about 50000
in the active region. The total number of atoms include those in the boundary regions
in y direction and periodic boundary regions in x and z directions.

To describe the interatomic interactions, we employed the embedded atom potentials
for Fe-Fe, Cu—Cu and Fe—Cu. In the embedded atom method (EAM), the potential
energy E; of an atom in the crystal is of the form

E; = Fi(0;) + 3 '%) @;° (Ryj) 1)
i

o= > fi(Ry), ©)
i(#0)

where the subscripts (i, j) label the i-th and j-th atoms and the superscripts (A, B)
denote atom types, respectively. For a chosen atom i, j runs over all atoms in the crys-
tal. g; is the ambient electron density at atom i and F; is the energy required to embed
atom i into electron density g;. qof;‘B (Ry) is the pair interaction potential between atom i
and atom j. f; is the electron density generated by atom j at a distance R;; from its core
and R;; is the distance between the i-th and j-th atoms. The detailed potential forms and
potential parameters were given by Simonelli et al. [14] for Fe-Fe, by Voter [15] for
Cu-Cu, and by Ludwig et al. [16] for Fe—Cu.

In order to study the effect of Cu precipitates on the core structure and the slip-
ping behavior of a ay/2(110) [111] edge dislocation, we studied two cases: the move-
ment of an edge dislocation with and without the presence of a Cu precipitate
under an applied shear deformation. The dislocation core structures and the profile
of the dislocation line during slipping are analyzed. The atomic stress distributions
on the dislocation slip plane are calculated. Average stress—strain curves as well as
CRSS are obtained.

3. Stress Calculation
Atomic stresses can be evaluated from the strain energy density W according to
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where ¢ are the components of the strain tensor. The strain energy density W asso-
ciated with an atom at position x; is defined as
E (xi) - Eo
W) =—7——, 4
(xi) 9 (4)
where E(x;) and Ej are the equilibrium energies of an atom in a deformed crystal and
in a perfect stress-free crystal, respectively. They are calculated using the interatomic
potentials described by equation (1). E(x;) — Eo is the excess energy of a deformed
crystal compared to a perfect stress-free crystal.  is the atomic volume in the de-
formed crystal. Following the procedure proposed by Hoagland et al. [17, 18], the atom-
ic stress is calculated using a finite difference form,

Wi +96;) — W(x; - 9;) 5)
K= ZAuk,l ’

in which 6; = Au; xj = Au;1x1 + Auioxz + Au;sxs is a small perturbation to the atom
positions that result from applying a small additional, uniform displacement gradient
increment of Au;; to the entire crystal. Correspondingly, —d; is due to —Au;;. In equa-
tion (5), the assumption of Auy ;= Auyy is used. In applying equation (5) to the calcula-
tion of stress component oug, the aff component of the displacement gradient tensor
Au;j is taken at a non-zero value while the others are set to zero.

This method has been used for calculating the internal stresses around transformed
Cu precipitates [4]. In the present work, Aw;; is taken to be 0.0001, and the atomic
volume 2 is assumed to be a constant £y equal to the atomic volume in the Fe perfect
crystal. The average lattice volume change in the Cu precipitate before and after stress-
induced phase transformation, and the effect of the actual atomic volume £ corrected
by the volume strain on the stresses are analyzed in our previous paper [4]. It was
shown that the assumption of a constant £ has a negligible effect on the calculated
stresses (see [4] for a detail analysis). We expect this assumption to be also valid for an
edge dislocation with wide core structures.

4. Dislocation Core Structure

Dislocations can be introduced into the atomic simulation block by two methods. One
is to insert or remove atomic planes according to the Burgers vector of the dislocation;
the other is to assign anisotropic elastic displacements of a dislocation to the atoms in
the simulation block. The latter has been employed in computer simulations of disloca-
tion core structures, in which the atomic displacements in the boundary region are fixed
according to the dislocation elastic solution from continuum elasticity. In present work,
we are interested in the interaction between dislocations and precipitates, and the
behavior of dislocations passing through precipitates. It is important to realize that
there is an internal stress field around a b.c.c. Cu precipitate even without an applied
stress. As reported in previous works [4, 21], the average stress inside a Cu precipitate
(3 to 4 nm) in an Fe matrix is about —4 GPa. Therefore, there is a significant contribu-
tion to the elastic field from the coherent stresses arising from the lattice mismatch
between a Cu precipitate and the Fe matrix. As a result, it is no longer suitable to
adopt the elastic solution of a dislocation as the boundary condition when we consider
the interaction between a dislocation and a precipitate. Since it is difficult to obtain an
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analytical solution for systems involving both dislocations and precipitates, we adopted
the former method to create an ag/2(110) [111] edge dislocation with periodic boundary
conditions in x and z directions and pre-described displacemental boundary conditions
in the y direction. The purpose of using such boundary condition is to produce a pure
shear deformation within the active region for simulating dislocation slip in the next
section. More specifically, we first removed three (111) half atom planes (y > 0) at x.
We then moved the two parts of the upper block separated by the removed planes
gradually towards each other with a total displacement of ag/4[111] and —ag/4[111],
respectively. Finally, we allowed the active atoms to relax to their equilibrium positions.
It should be noted that the boundary condition used in the present work will induce an
additional stress field in the active region if the model size is not sufficiently large. The
influence of such a boundary condition on the simulation results will be discussed.

In a b.c.c. crystal, the core structures of an edge dislocation have previously been
investigated through atomistic methods [7 to 10]. In all the cases studied, the cores of
these dislocations were found to be planar, spread into their respective slip planes.
They can be interpreted as several dissociated fractional dislocations which are con-
fined to the same crystal plane. In order to study the effect of Cu precipitates, we con-
sider two cases. The first case is a pure a¢/2(110) [111] edge dislocation, where no Cu
precipitates exist in the simulation block. In the second case, the interactions between
Cu precipitates and an ay/2(110) [111] edge dislocation are considered as shown in
Fig. 1, where the radius of the Cu precipitate is Sap. The initial distance between the
center of the precipitate and the center of the dislocation is 10ag. After relaxation of
atoms into their equilibrium positions, it is found that the center of the dislocation core
in the presence of a Cu precipitate shifts by a small distance to the Cu precipitate, and
as a result the dislocation line is slightly bent. However, no shift of dislocation core is
observed in the first case as expected. The dislocation line of the pure dislocation lies
on the original (110) plane and remains straight parallel to the z direction. These obser-
vations suggest that the a¢/2(110) [111] dislocation is attracted to the coherent b.c.c. Cu
precipitate. Interactions between Cu precipitates and the dislocation also lead to struc-
ture changes of the Cu precipitate and dislocation core. Figs. 2a and b present the atom-
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Fig. 2. Dislocation core structures on (112) plane: a) in the arm part (z = 10 ag), b) in the middle
part (z =0)
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ic structures of the dislocation core on the (112) plane in the arm part (located at
Z = 10ap) and the middle part (located at z = 0) of the dislocation, respectively. For the
pure dislocation, the atomic configuration of the core structure is omitted because it is
almost the same as that in Fig. 2a. From Fig. 2a, it can be seen that the core structure
of the pure dislocation and the arm part of the dislocation in the presence of a precipi-
tate is of planar configuration. They spread on the (110) slip plane and the dislocation
core has a finite width. However, since the b.c.c. Cu precipitate is a metastable struc-
ture, the presence of the dislocation results in a structure transformation in the Cu
precipitate. An obvious structure difference between the Cu precipitate and the matrix
around it can be observed in Fig. 2b. The structure changes in the central region of Cu
precipitate are presented in Fig. 3. It can be seen that the structure change is due to the
slipping of (101) plane along [101] direction. According to a hard-sphere model of the
b.c.c. = 9R transformation proposed by Ahler [19] and Kajiwara [20], sliding of (101)
planes in the [101] direction implies that a phase transformation from b.c.c. to 9R oc-
curs in the Cu precipitate. Similarly, this phase transformation results in a complex
dislocation core structure as shown in Fig. 2b. It is rather difficult to analyze such a
dislocation core structure from direct visualization of atomic configurations.

In the atomic modeling of dislocation core structures, the interpretation of results is of
primary importance since the position vectors of a large number of atoms are obtained
from a given simulation. To quantitatively characterize the core structure of a dislocation,
one needs to define a quantity which is large in the core region and vanishes far from it.
For this purpose, two methods, the mapping of differential displacements [11] and the
mapping of the stress tensor at individual atoms [8], have been previously proposed. Be-
cause of the complicated dislocation core structure in our simulation as shown in Fig. 2b,
it is rather impractical to interpret the dislocation core structures using the differential
displacemental method. Therefore, in the present work, the stress tensor method is em-
ployed. We used the stress calculation method described in the previous section to calcu-
late the stress components on the dislocation slip plane near the dislocation cores. The
normal stress o,, and shear stress o,, are shown in Fig. 4, in which the solid line represents
the stress distribution for the pure dislocation; the short-dash line for the middle part
(z =0) and the long-dash line for the arm part of the dislocation in the presence of a Cu
precipitate. Analyzing the shear and normal stress distributions and the atomic configura-

tion in Fig. 2a, we obtain the following re-
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Fig. 4. Stress distributions along Burgers vector [111] on the slip plane (110) for initial equilibrium
dislocations; a) shear stresses oy,, b) normal stresses oy,

ration in Fig. 2a and the stress distribution in Fig. 4b, reveals that the dislocation dissoci-
ates into three fractional dislocations which cause three peaks in the normal stress distri-
bution. The width of the dislocation core is about 6ay. A dislocation core structure for the
1/2(110) [111] edge dislocation in b.c.c. structures was investigated by Vitek and Yamagu-
chi [11] with three different potentials, in which the differential displacemental method
was used to interpret the dislocation core structure. They reported a very similar disloca-
tion core structure as obtained by the present work. The width of the dislocation core is
about 4ag to 6 ap which depends strongly on the potentials. For the dislocation in the
presence of a Cu precipitate, it is seen that the stress distribution at the arm part is essen-
tially the same as that of the pure dislocation, except that the dislocation core is displaced
by about 15 A. However, the stress distribution at the middle part of the dislocation is
quite different from that produced by a pure dislocation, which indicates that the disloca-
tion core is no longer symmetric. Because of the structure change of the Cu precipitate, a
compressive stress appears on the slip plane in front of the dislocation, and the shear
stress on the slip plane decreases. Combining the atomic configuration in Fig. 2b and the
shear stress distribution in Fig. 4a, two fractional dislocations can be detected just nearby
the interface between the Cu precipitate and Fe matrix. The other fractional dislocation is
located inside the Cu precipitate. However, the dislocation core also seems to be planar.

As discussed early in this section, the boundary condition employed in the present
work may affect the simulation results when the model size is small. A comparison of
dislocation core profiles obtained by different methods shows that this boundary condi-
tion has no significant influence on dislocation core profiles. However, we found that
normal stress on the slip plane does not tend to zero with increasing distance from the
dislocation core. Since this non-zero tensile stress increases the distance between two
slipping planes, it decreases the yield stress. Therefore, the boundary conditions em-
ployed in this work may yield a lower yield stress.
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5. Dislocation Slip

As shown in Fig. 4, the interaction between the metastable b.c.c. Cu precipitate and the
dislocation results in a considerable change in stress distributions on the dislocation slip
plane, as well as the dislocation core atomic structures. The compressive stress oy, and
the distortion of the atomic structure in front of the dislocation must affect the disloca-
tion slipping behavior, hence, the yield stress. In order to study the strengthening effect
of Cu precipitates and the mechanisms of a dislocation passing through the Cu precipi-
tate, a pure shear deformation is applied to a pure Fe single crystal with an edge dislo-
cation, and to a Fe single crystal containing an edge dislocation as well as a Cu precipi-
tate. During the simulation, the average strain components ¢, and ¢, are kept to be
zero to satisfy the periodic boundary condition. A displacement increment of Au,/
L, =0.00075 to 0.0075 is applied repeatedly to perform a shear deformation. The dis-
placement increment is chosen to be small enough so that the Peierls stress can be
obtained. Fig. 5 shows the profiles of the dislocation line on (110) plane in the initial
equilibrium configuration and during the dislocation slip. It is clearly seen that the arm
part of the dislocation moves forward (bows out) when the applied stress reaches the
Peierls stress, but the middle part of the dislocation is restrained by the Cu precipitate.
For the pure dislocation, the profile of the dislocation line remains straight during slip-
ping. The stress distributions on the slip plane at each deformation stage are calculated.
Analyzing the change of the maximum and minimum shear stresses on the slip plane
for the pure dislocation, it is found that as the applied shear deformation increases, the
dislocation starts slipping while the maximum shear stress changes from 0.072 to
0.073 GPa, and the minimum shear stress changes from —0.073 to —0.072 GPa. Fig. 6
presents the shear stress and normal stress distributions on the slip plane at different
deformation stages for the pure dislocation. It can be concluded that the change of
stress distributions of the pure dislocation core during slipping is very small, i.e. the
core structure remains unchanged during slipping. The stress distributions in the pre-
sence of a Cu precipitate are shown in Fig. 7. It is found that there is no slip for the
fractional dislocation inside the precipitate until the arm part of the dislocation slips

Fig. 5. Profiles of dislocation lines on the slip plane (110): a) initial equilibrium dislocation, b) slip-
ping dislocation
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Fig. 6. Stress distributions for the pure dislocation along Burgers vector [111] on the slip plane
(110): a) shear stress, b) normal stress

about 40 A. The maximum shear stress increases and minimum shear stress decreases
due to the presence of the precipitate as compared to those for a pure dislocation.

A larger system is used to investigate the whole process of dislocation passing
through the Cu precipitate. The average shear stress (agy) and average shear strain
(egy) of the whole simulation crystal are calculated. Since the shear deformation is per-
formed by a specified displacement Au,, it is easy to get the average strain. The aver-
age shear stress is calculated with (0%) = F,/S. F, arises from interactive forces between
the active atoms and the atoms in the upper block, and § is the cross section area of
the specimen in the x—y plane. The average stress and average strain curves are shown
in Fig. 8. The stress—strain curves of the pure dislocation are inserted in Fig. 8 for com-
parison. The stress at the first significant drop corresponds to the Peierls stress for the
pure dislocation. It is shown that the Peierls stress is very small, about 0.01 GPa. A
smaller Peierls stress is due to the width increase of dislocation core and tensile stress
on the slip plane caused by the boundary condition. However, the presence of the Cu
precipitate greatly increases the stress needed to move a dislocation. The yield stress or
CRSS in the presence of a Cu precipitate is about 0.5 GPa. We can find that the con-
tribution of the Cu precipitate to the CRSS is obvious. Of course, the CRSS in a real
material depends on the precipitate density. The last jump in the stress strain curve
indicates that the dislocation completely passed through the precipitate.

Fig. 9 shows the atomic configurations during the dislocation slip process. From Fig. 9,
it is found that as the applied shear deformation increases, the arm part of the disloca-
tion slips forward (bows out) continuously. The evolution process of the dislocation line
is similar to the Orowan process [5]. However, no dislocation loop is left behind after
the dislocation completely by-passes the Cu precipitate. A careful examination of the
atomic configuration revealed that the small drop in the final part of the stress—strain
curve is related to the dislocation cutting through the precipitate. The cutting process
can be demonstrated by comparing the atomic configurations in Cu precipitates in
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Fig. 9. After the dislocation cuts through the Cu precipitate, the initially disordered
atomic configuration in the precipitate restores order again. In addition, it is also found
that a small segment of the dislocation (located between z =0 and z = 1.5a¢) switches
its original slip plane (110) (y = 0) to the slip plane (110) (y = —1.414ay) after it com-
pletely slips through the precipitate, and then slips forward on that slip plane. The re-
mained defect in the Cu precipitate and the formation of the small dislocation segment
are due to structural transformations. Therefore, our results suggest that a dislocation
passes through a Cu precipitate by a cutting mechanism.

From the entire atomic structural evolution presented above, it is clear that in order
to get quantitative results of CRSS in Fe matrix with Cu precipitates, the contribution
to CRSS from lattice mismatch and the internal stresses caused by Cu precipitate phase
transformation should be considered, in addition to the modulus mismatch and the pre-
cipitate density. Because of the influence of boundary conditions, a smaller Peierls
stress for a pure dislocation was obtained in the present simulation model. To improve
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Fig. 9. Profiles of the dislocation lines on the slip plane (110) at different deformation stages, the

applied average strains are
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accuracy in calculating the yield stress, one may consider other boundary conditions in
the future, such as the flexible boundary condition [22].

6. Conclusion

The interactions between an edge dislocation and a Cu precipitate in b.c.c. Fe have
been studied by molecular static calculations. The core structures of the dislocation are
interpreted by mapping the atomic stress distributions on the slip plane. For the pure
dislocation core structures and its slip behavior, good agreement between our calcula-
tions and previous atomistic simulation results is obtained. Because of the interaction
between the Cu precipitate and the dislocation, a similar b.c.c. to 9R structure transfor-
mation occurs in the metastable b.c.c. Cu precipitate, which results in a considerable
change in stress distributions on the dislocation slip plane, as well as the dislocation
core atomic structures. The compressive stress oy, and the distortion of atomic structure
in front of the dislocation restrain the dislocation from slipping forward. Consequently,
the CRSS is increased greatly. Furthermore, it is found that the motion of the disloca-
tion line is similar to the Orowan process. However, no dislocation loop is left behind
after the dislocation completely by-passes the Cu precipitate. From the analysis of the
evolution of atomic configurations in the Cu precipitate, it is suggested that a cutting
mechanism is operative when the dislocation passes through the precipitate.
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